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Superconductivity of heat-treated 
Nb-65 at.% Ti alloy 
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Brief reviews are given of the effect of heat-treatment on the microstructure of cold- 
worked bcc metals and the superconducting properties of niobium alloys. Particular 
attention is paid to the influence of interstitial impurities in these processes. The 
annealing effects in microstructure and superconducting properties of a cold-worked 
Nb-65 at. ~ Ti alloy, containing oxygen as a major impurity, have been studied. The precipi- 
tation process takes the form/3TiNb + O2--~ various Ti oxides --~ c~Ti + TiO. Differences 
in precipitation sequence are described for vacuum-annealing and annealing 
in impure argon. Flux-pinning is related to the microstructural observations. At least 
three pinning mechanisms appear to operate; dislocation pinning and two types of 
precipitate pinning. These observations are in accord with previously proposed pinning 
models. 

1. Introduct ion 
The effect of microstructure upon super- 
conducting properties has been reviewed else- 
where [1 ]. The quantity of major interest is the 
critical current density, Je, whose value is 
determined by the strength of the interaction 
(pinning) between quantized flux vortices (flux 
lines) and microstructural features of the 
material (pinning centres) which cause a local 
variation in superconducting properties. This 
problem has been considered in previous 
articles in this journal for cold-worked niobium 
alloys [2] and for a deformed and annealed 
molybdenum-rhenium alloy [3]. 

A wide variety of microstructures may be 
produced by heat-treatment of deformed alloys. 
The effect of heat-treatment upon super- 
conducting properties of many alloys has been 
reported; though in many cases the results are 
of little value owing to an imperfect under- 
standing of the microstructural changes brought 
about by the heat-treatment. These include 
dislocation rearrangements, phase transforma- 
tions and precipitation, all complicated by the 
presence of interstitial impurities. The latter 
are particularly important in alloys of bcc 
transition metals, which are capable of dissolving 
relatively large quantities of interstitials, and 

are indeed difficult to prepare without such 
contamination. 

This paper reports the study of a niobium 
65 at. ~ titanium alloy, containing oxygen. The 
alloy was chosen because it is close to the 
composition of commercial material currently 
used in the construction of superconducting 
solenoids, and because it was known that heat- 
treatment could strongly influence its super- 
conducting properties. The microstructural 
changes consequent upon annealing were deter- 
mined in detail using transmission electron 
microscopy, and compared with measurements 
of superconducting properties. The paper begins 
with two brief reviews, one of the microstructure 
of annealed bcc metals, and the other of 
previous work on the superconductivity of 
annealed niobium alloys. 

2. Microstructure of annealed b c c  
metals 

2.1. Deformed, interstitial-free metals 
Studies of heat-treatment effects on micro- 
structure of cold-worked bcc metals indicate 
that the mechanisms involved are probably the 
same as those for fcc materials, apart from 
crystallographic differences in slip systems. A 
similar conclusion has previously been reached 
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with regard to deformation microstructures in 
these materials [2]. 

In the absence of interstitial impurities, heat- 
treatment produces a vacancy-controlled, cold- 
work dependent, recovery/recrystallization 
process. In the deformed bcc metals such as 
a-Fe [4-6], Mo [6, 7], Nb [8, 9], Ta [10, 11], 
V [9], W [12, 13] , dislocations are partially 
arranged in cell structures or in sub-boundaries, 
giving diffuse cell structures. The recovery 
process causes the cells to sharpen and the 
sub-boundaries to grow slightly. In materials 
having uniformly distributed dislocations after 
deformation, in particular a-Fe deformed at low 
temperatures [5, 6], and deformed Nb-Ta 
[2, 9], Nb-V [14] alloys, recovery involves 
formation, sharpening and growth of sub- 
boamdaries. The stacking fault energy of the 
metal strongly influences the occurrence and 
definition of the cell structure [15-17 ]. 

At later annealing stages, the majority of 
dislocations are annihilated; some of those 
remaining rearrange by a climb process into 
small-angle polygonization or sub-grain boun- 
daries. The factors influencing subsequent 
recrystallization are [18]: (i) amount of prior 
deformation and deformation temperature, (ii) 
annealing temperature, (iii) grain size prior to 
plastic deformation, (iv) specimen purity. The 
localized disorientations in the deformation 
dislocation configuration serve as nucleation 
sites, hence new grains preferentially form at 
microband regions rather than at normal 
deformation bands [19]. 

2.2 Deformed metals containing interstitials 
The kinetics of annealing processes may be 
dependent upon the rate of diffusion of the 
interstitials, rather than upon self-diffusion of 
the alloy. There are at least five possible reactions 
involving interstitial elements upon heat-treat- 
ment. 

2.2.1. Dislocation pinning 
Interaction between interstitial-dislocation stress 
fields lowers total strain energy. An attractive 
force thus induces interstitial atoms to segregate 
to the centre of the dislocations. If  diffusion time 
is sufficient, a solute atom atmosphere forms 
round each dislocation [20] and produces a 
restraining or locking, Cottrell or Snoek, 
mechanism on dislocation movement. In contrast 
to fcc metals, interstitial solute atoms in bcc 
lattices produce large volume expansions and 
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large tetragonal distortions. The latter are 
asymmetric, and can thus interact with both 
shear and hydrostatic stresses to lock screw and 
edge dislocations [21]. Relatively higher tem- 
peratures are then needed to break the dis- 
locations away and cause dislocation rearrange- 
ment. 

2.2.2. Pseudo-precipitates 
Through the above stress effect, interstitials 
experience an attractive force towards dislocation 
cell walls. Since impurity distribution is unlikely 
to be uniform, and both dislocation density and 
configuration within cell walls wilt be irregular, 
the force on interstitials will vary from area to 
area, resulting in local variations in impurity 
concentration. Dislocations will be firmly locked 
either by solute atom segregation or, since local 
concentrations cotfld considerably exceed the 
solubility limit, by fine precipitation of an 
impurity phase along their length such as seen in 
ctFe-C [22], ~Fe-N [23], and Nb-N [24]. It 
should be noted, however, that in a heavily 
strained lattice the normal solubility may have 
little significance. Formation of ordered solid 
solutions containing many at. ~o of impurity in 
the cell walls may be possible [25]. In addition, 
since impurities lower the stacking fault energy of 
bcc metals and cause splitting of dislocations 
into partials [6], a greater accommodational 
area is produced for interstitials. By these 
interstitial migration effects, dislocation cell 
walls can be effectively transformed into pseudo- 
precipitates. 

2.2.3. Domain ordering effects 
A transformation from disorder, with inter- 
stitials in random positions, to an ordered state, 
with interstitials in specific lattice locations 
forming a superlattice structure, can occur on 
cooling heat-treated b c c metals. Both annealing 
and dissimilar atom attraction [26, 27] provide 
diffusion activation for this co-operative 
phenomenon. The transition, noted especially 
in Nb-O [28-31], Nb-Ta-O [9], Ta-C [32], 
Ta-H [33], and Ta-N [34], occurs by nucleation 
and growth, the latter proceeding in strict 
crystallographic directions, often appearing as a 
cross-hatched pattern [31 ]. The nucleation 
process can be either homogeneous or preferen- 
tial [35, 36]. In the latter case edge dislocations, 
as a result of anisotropic stress fields, can pro- 
duce domain growth in preferred orientations 
along their lertgth [29 ]. 
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2.2.4. Shear type precipitates 
Rapid cooling from high temperature of some 
supersaturated b cc solid solutions containing 
interstitials can cause a shear transformation. 
It is generally diffusionless and generates a 
metastable martensite type phase [37]. The 
product has definite crystallographic habit and 
lattice orientation relationship with respect to 
the parent phase. The amount obtained depends 
on the final temperature, the transformation 
being accelerated by cold work. The martensite 
plates attain their shape by two successive shear 
displacements contained in boundaries coherent 
with the parent phase. The first is a homogeneous 
shear throughout the plate and occurs parallel 
to a specific parent phase habit plane. The 
second, a lesser displacement, takes place via 
slip or twinning. 

2.2.5. Massive precipitates 
In contrast to individual solute atoms or 
atmospheres, these are discrete second phase 
particles. The initial precipitate is not necessarily 
the same structure as the equilibrium phase 
since during annealing it can pass through 
intermediate non-stoichiometric structures of 
varying degrees of coherency with the matrix 
[38]. Impurity absorption from the annealing 
atmosphere can alter the precipitate composition 
with time as well as producing an interstitial, 
and hence precipitate composition, gradient 
through the specimen. 

2.3. Two-phase alloys 
The group IV A elements Ti, Zr and Hf are 
polymorphic, being hcp at low temperatures but 
bcc above several hundred ~ When alloyed 
with the group V A bcc metals V, Nb,Ta they 
form a continuous bcc solid solution at high 
temperatures, which in group IV A-rich alloys 
transforms to an hcp phase at low temperatures. 
Quenching of these alloys from the bcc region 
causes a diffusionless, martensitic transforma- 
tion, the products of which by subsequent ageing 
pass through a series of metastable precipitates 
before reaching the equilibrium two-phase 
structure. This has been most thorougly in- 
vestigated in Nb-Ti [39-42] and also observed 
in V-Ti [43, 44]. Nb-Zr [45], Nb-Hf [46] and 
V-Ti [47] also undergo a monotectoid reaction 
which produces two bcc phases of differing 
composition. 

The presence of interstitials affects not only 
the kinetics of these phase transformations, but 

also the equilibrium compositions of the resulting 
phases, TTT and phase diagrams being con- 
siderably altered. The monotectoid in V-Ti [47] 
as well as that in Nb-Zr [48] is believed to occur 
only in the presence of impurities. The micro- 
structure of annealed Nb-Zr alloys has been 
studied by Waldron [49]. The stabilization of 
normally non-equilibrium phases by the presence 
of interstitials is possible in all of these systems. 

From this brief survey, the complexity of 
possible microstructural changes on annealing 
cold-worked alloys contaminated with inter- 
stitial impurities will be appreciated. Because 
interstitials affect the kinetics of dislocation 
rearrangement and phase transformations, it is 
quite unsafe to attempt to predict behaviour from 
that of uncontaminated alloys. 

3. The effect of heat-treatment on 
superconductivity of Nb alloys 

The major part of the work on alloy super- 
conductors to date has been based on niobium, 
the principal alloying constituents being the 
transition elements Ta, Ti and Zr. These alloys, 
which may also contain significant amounts of 
the interstitial elements carbon, hydrogen, 
nitrogen and oxygen, have, as a general rule, 
been subject to some kind of deformation. Heat- 
treatment effects on such systems can become 
highly complex and the subsequent flux line 
interaction is difficult to analyse. Attention is 
focused on Nb-Ti alloys, since their commercial 
importance has generated much investigation; 
results are discussed only where a relatively clear 
interpretation can be given. All alloy com- 
positions quoted are in at. ~.  

The effect of dislocations on superconducting 
properties is well documented [1, 2, 50-52]. 
Pinning by such defects is known to be in no 
way significantly different from that by second- 
phase particles [1]. Uniform dislocation dis- 
tributions such as seen in Nb-50Ta [2] and 
Nb-V [14] cause little flux-trapping. Suitable 
heat-treatment can produce marked hysteresis 
effects by rearranging the dislocations into 
non-uniform arrays which are more effective 
flux barriers. The high magnetization and critical 
current values characteristic of three-dimensional 
dislocation cell and fibre structures can be 
increased by low-temperature annealing, at 
about 500~ through increased dislocation 
density in, and sharper definition of, the cell 
walls. Such behaviour has been observed for 
Nb-40Ti [53], Nb-25Zr [54, 55] and has been 
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implied from critical current/activation energies 
for Nb-23, 55, 75, 79Ti [25, 26], Annealing at 
higher temperatures decreases magnetic irreversi- 
bility through the reduction in all-over disloca- 
tion density and increase in cell diameter. Baker 
[57] and Neal et al [58] have shown for Nb-60Ti 
that the critical current is inversely proportional 
to cell or fibre diameter; the smaller the cell 
diameter, the more pinning points or cell walls 
per unit length of flux line. Dislocation rearrange- 
ments in the cell wall have been postulated for 
increased pinning in Nb-60Ti by Hampshire and 
Taylor [59]. Specimen hysteresis need not 
dramatically decrease with extensive recovery 
since polygonized and sub-grain structures can 
still crease strong flux line pinning, in some cases, 
greater than that from unrefined cell structures 
[53]. In heavily ( >  90~) cold worked strip 
specimens, such as rolled Nb-Hf [60], Nb-Sc 
[61, 62], Nb-Ti [63,64] and Nb-Zr [65, 66], 
dislocation structure and critical current are 
anisotropic. Heat-treatment causes the dis- 
location structure to become less uniform in the 
rolled surface while in the end-sections the cells 
behave as fibres in wires and coarsen [57]. Such 
behaviot~r increases critical current while 
reducing anisotropy. 

Precipitate nucleation on cell walls, such as 
a-phase precipitates on dislocation fibre walls 
in Nb-67, 80Ti [67] and Nb-15Zr-45Ti [68], 
causes marked enhancement of critical current 
values. Maximum pseudo-precipitate charac- 
teristics for the wall occur when the precipitate 
distribution is uniform along its length [69]. 
Pfeiffer and Hillman [67] have shown further 
that for Nb-67, 80Ti additional deformation 
after heat-treatment removes recovery sub- 
structure and produces finer precipitates. An 
even finer cell structure can then form round the 
particles as nodes of the structure, as first 
suggested by Dew-Hughes [52]. Both effects lead 
to increased critical current. 

Marked variation in flux-pinning as precipi- 
tate type, precipitate and matrix composition, 
are altered as a result of heat-treatment of 
martensite transformation products, has been 
demonstrated in Nb-80Ti [41, 70]. The impor- 
tance of particle separation on critical current 
values has been demonstrated for co-phase 
precipitates in Nb-78Ti [71]. 

The presence of interstitials in bcc alloys, as 
in bcc metals, will affect the kinetics of dis- 
location rearrangement during annealing while 
segregation to various defects will enhance their 

1386 

effectiveness as flux-pinning sites. Baker [57] 
has shown that temperatures needed to produce 
equivalent dislocation motion, rearrangement 
and critical current values in supersaturated solid 
solution Nb-60Ti alloys containing interstitials 
are 100~ higher than for the undoped material. 
The work of Charlesworth and Madsen [25, 
56] and Penney et al [72] on heavily cold-worked 
Nb-Ti indicates that at low annealing tem- 
peratures up to about 300~ for Nb-20, 23Ti 
and 200~ for Nb-55Ti, the fall observed in 
critical current is due to recovery causing 
dislocation annihilation and a reduction in 
dislocation density. Annealing in a temperature 
range 200~ higher, however, causes interstitial 
migration to dislocations in the cell walls and an 
increase in critical current. The temperature- 
range differences between alloys is believed to be 
related to the dislocation cell dimensions [56]. 
As yet, all reports of interstitials in cell walls 
have been postulated from indirect measure- 
ments. The high dislocation densities in cell 
walls and associated contrast make interstitial 
observation difficult, if not impossible. 

The effect of interstitials on phase trans- 
formations has already been mentioned. In- 
creasing critical current with oxygen and carbon 
impurities in Nb-25Zr [73, 74] and Nb-50Ti [75] 
has been clearly demonstrated. Reuter et al [76] 
have shown for Nb-57Ti that simultaneous 
precipitation of different phases is possible. An 
extension of this work by Ranch et al [77] 
showed that the lower the oxygen interstitial 
level and hence different phase precipitated, the 
lower the optimum ageing temperature for 
critical current. Precipitates may also form by 
martensitic type reaction from supersaturated 
sol id solution. Narlikar [9] has shown bcc 
Nb to transform to fcc NbO domain structures 
when cold worked niobium is air-annealed at 
1500~ for 60 sec. Annealing Nb, Nb-Ta and 
Nb-Ti at 1200 to 1350~ in argon containing 
oxygen as an impurity [9] resulted in an ordered 
oxide domain structure similar to that reported 
by Gevers et al [78] and Landuyt et al [30]. 
Flux-pinning by these boundaries was equivalent 
to that from the cold-worked dislocation struc- 
ture [9]. A factor of 10 increase in critical 
current has been reported for Nb-0.860 when 
20 ~ of the oxygen atoms form NbO domains 
[79]. 

4. Experimental techniques 
The niobium 65 at. ~ titanium alloy was 
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supplied by the International Research and 
Development Co Ltd, Newcastle upon Tyne. It 
was in the form of thin strip about 0.2 mm thick, 
had been cold-worked > 9 0 ~  and contained 
approximately 400 ppm of nitrogen and 3000 
ppm oxygen. Thin foils, parallel to the plane of 
the sheet, were prepared for transmission 
electron microscope examination by chemical 
thinning at room temperature using a solution 
of 50 ~ nitric, 30 ~ sulphuric and 20 ~ hydro- 
fluoric acids. Annealed specimens required a 
different composition; with increasing annealing 
temperatures the solution tended to 7 0 ~  
HNO3, 10~  H~SO4, 2 0 ~  HF. The foils were 
subsequently examined in a Siemens Elmiskop 
1A electron microscope operating at 100 kV. 
Specimens were prepared for optical micro- 
scopy using the above polishing solution 
followed by a quick dip in hydrofluoric acid. 
Debye-Scherrer X-ray patterns were obtained 
by rotating a 1 m m  strip of each heat-treated 
specimen in a 114.6 mm diameter powder 
camera. 

Normal-state resistivity was measured using a 
four-contact method with the specimen at a 
temperature slightly in excess of Te. Magnetiza- 
tion measurements were made on specimens 
10 mm x 2 m m x  0.2 mm at 4.2K by an 
automatic method [80]. critical current values 
were determined at 4.2K on specimens 70 mm 
long, 0.5 mm wide, and 0.2 mm thick, mounted 
in hairpin configuration and subjected to different 
applied transverse fields from a battery-energized 
Bitter solenoid at the Royal Radar Establish- 
ment, Malvern. The field could be varied only 
in steps of a few KOE, and accurate determina- 
tion of Hez was not possible. Current and 
potential connections were made to the specimen 
by clamping indium-coated capillary tube on to it. 

5. Microstructure of Nb-65Ti 
5.1. As-received material 
Transmission electron microscopy of the as- 
received material revealed a fairly high dis- 
location densitied microstructure. The dis- 
location distribution was heterogeneous, some 
areas showed uniform distributions while others 
exhibited non-uniform arrangements, in par- 
ticular, cell structures (Fig. 1). The average 
cell diameter is ,-~ 0.3 gm and cell wall thick- 
ness ~0.05 gin. 

5.2. Vacuum-annealing 
Annealing the as-received material at 300~ 

Figure 1 Dislocation cell structure of the cold worked Nb- 
Ti. 

for 1 h in a vacuum of 1.33 • 10 -2 Nm -z 
caused nucleation of second phase partiq!es 
approximately 30 nm in width (Fig. 2). Electron 

Figure 2 Precipitates of 3TiOo.5 resulting from heating at 
300~ for 1 h at 133 • lO-4Nrn -~. 

diffraction identified these as a hexagonal 
oxide phase 3TiO~ where x ~ 0.5 [8111 Heat- 
treatment at 550~ for half an hour resulted in 
the growth of these precipitates into a platelet 
form having lenticular cross-section with a 
width of ~ 100 nm and a length of ~ 2  gm (Fig, 
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3). Internal twinning of these particles was 
sometimes evident (Fig. 4). Diffraction studies 
revealed that although the precipitates obtained 
by this treatment indexed as 3TiO~, the c- 
parameter and, hence, oxygen content had 
increased slightly. Further annealing at this 
temperature resulted in more precipitate growth 
and much more internal precipitate twinning. 

Dislocation rearrangement after a 10 h heat- 
treatment replaced the cell structure by poly- 
gonized structures (Fig. 5) together with a few 
small recrystallized grains. Prolonged heating, 
50 h, at 550~ produced (Fig. 6) the nucleation 
of a completely new phase, tetragonal ~Ti-TiO, 
alternatively known as 3 [82]. No information 
concerning the homogeneity range of this 

Figure 3 Lenticular shaped precipitates in �89 h at 550~ Figure 5 Precipitates and polygonized structures in 10 h 
vacuum annealed Nb-Ti. at 550~ material. 

Figure 4 Evidence of precipitate twinning in material 
heated at 550~ for �89 h. 
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Figure 6 Precipitates of ~Ti-TiO after annealing Nb-Ti 
for 50 h at 550~ in vacuum. 
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phase is available, but it does occur in a com- 
position range which includes TizOz and Ti40 3 
and is believed to be ~ 4 0  at. ~ oxygen [82]. 
These precipitates appear as plates with lengths 
1 to 2 gm and a width of 40 nm, spaced f rom 
0.2 to 1 gin. 

5.3, Argon-annealing 
In contrast to vacuum-annealing, heat-treatments 
performed in an argon atmosphere yielded a 
much more complex microstructure. This result 
is a direct consequence of  oxygen impurity in the 
argon. 

Annealing at 400~ for 1 h revealed the 
characteristic process of  dislocation rearrange- 
ment toward a cell structure throughout the 
material. In addition, precipitates were also 
observed, (Fig. 7). Heat-treatment at 400~ 

Figure 8 Both large and very fine precipitates in material 
heated 2 h at 400~ 

Figure 7 Evidence of precipitate nucleation on dislocation 
cell walls in argon annealed, 1 h at 400~ Nb-Ti. 

for 2 h and at 450~ for 1 and 2 h showed 
similar precipitation effects although for the 
first and last treatments, a uniform distribution 
of very fine precipitates, ~20  nm xeS0 nm in 
size, was also obserVed (Fi~. 8). Material 
subject to 5 h at 450~ exhibited long, narrow, 
presumably lenticular precipitates of  width 
,-~10 nm and length ~100 nm, lying along 
preferred directions (Fig. 9). 

Three distinct precipitate forms can be seen 

Figure 9 Long narrow precipitates in 5 h at 450~ 
argon heated Nb-Ti. 

in the microstructure of material heated to 
550~ for 1 h. One is large martensite-like 
twinned precipitates, ~ 1 lxm in width, (Fig: 10); 
networks of  dislocations are visible in and 
between these precipitates. Elsewhere, smaller 
parallel precipitates, ~ 2 0  nm x 500 nm (Fig. 
11), and elliptical particles, ~ 100 nm x 150 nm 
(Fig. 12), were observed. The latter appear to 
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be small precipitates surrounded by ring s of 
dislocation; their appearance is similar to that 
caused by the relief of coherency strains by 
dislocation rings around 0" particles in A1-4~ 
Cu [83]. Little change occurs in the microstruc- 
tttre on heating for 5 h at 550~ (Fig. 13). The 
fat platelets are believed identical to the small 
narrow precipitates also seen, but in a different 

orientation. These could well be the result o f  
enlargement of  the elliptical particles seen in 
material annealed for 1 h. Independent  electron- 
diffraction patterns could not  be obtained f rom 
these particles owing to specimen thickness. 
Moir6 images as well as dislocation networks can 
be resolved on these precipitates. The former  
give credence to the idea of  coherency strains 

Figure 10 Large twinned martensitic type precipitates in Figure 12 Rings of dislocation round small second phase 
1 h at 550~ material, particles after annealing 1 h at 550~ 

Figure 11 Narrow, parallel precipitates in a 1 h at 550~ 
specimen. 
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Figure 13 Characteristic microstructure after argon 
annealing at 550~ for 5 h. 
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mentioned above although some of the dis- 
locations will doubtless result from local cross- 
slip of  dislocations trying to avoid the precipi- 
tates. 

A marked microstructural change results from 
annealing above 550~ At 750~ a rapid 
decrease in dislocation density through recovery 
occurs along with the appearance of large 
parallel precipitates of aTi-TiO. Like the 1 h 
at 550~ precipitates, these are believed formed 
by a martensitic shear process from super- 
saturated solid solution. Annealing times up to 
5 h saw continued growth of these precipitates to 
a thickness of 100 to 500 nm (Figs. 14 and 15). 
The precipitates are generally seen to lie in a 
[431] direction while the twins, in Fig. 15, lie 
in [62i]  and [343] directions, foil orientation 
[122] (directions and orientation with respect to 
the precipitate lattice). Occasionally, the pre- 

Figure 15 Large twinned ~Ti-TiO precipitates resulting 
from heating at 750~ for 5 h; orientation of foil (1~2). 

twinning of the order phase .  Such behaviour 
has been observed in Cu-Au [86], Fe-Pt [87] and 
Ti-Mn [88]. 

Figure 14 Fringe contrast effects on eTi-TiO precipitates 
in a 2 h at 750~ specimen, orientation (122). 

cipitates were observed to consist of stacks of 
parallel plates, each platelet occurring at the 
intersection o f  two precipitates (Fig. 16). Such 
plates have been observed in a Ti-Mo alloy [84] 
and have been identified as thin twins. These are 
probably formed through the binary alloy 
crystal symmetry change,/3Ti cubic --+ aTi-TiO 
tetragonal, a reaction known to be invariably 
accompanied by art accumNation of sizeable 
strains [85] which can then be relieved by shear 

Figure 16 Stacks of pIatelets at precipitate intersections in 
2 h at 750~ heated Nb-Ti. 
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5.4. Discussion of microstructure 
Comparison between the precipitation sequence 
in vacuum- and argon-annealed material sug- 
gests that precipitates nucleated during argon- 
annealing can be expected to form a series of 
different oxides increasing in oxygen content 
with annealing time and temperature. Optical 
microscopy indicates that this is indeed the case. 
In contrast to vacuum-annealed specimens, 
optical micrographs of the surface of argon- 
annealed material show massive precipitates to be 
present. Surface precipitate nucleation occurred 
at about 400~ the number of precipitates in- 
creasing with temperature of heat-treatment up 
to and including 550~ The majority of these 
second-phase particles nucleated at the edge of 
the specimen and grew to the nearest edge, not 
by the shortest route, but in general in a straight 
line (Fig. 17). The precipitates were about 18 
ttm in width. Material heat-treated at 750~ 
showed relatively few of these precipitates, and 
those present did not traverse more than half 
the width of the specimen. The precipitates 
were indexed by X-ray diffraction as a-Ti or 
oxygen-enriched a-Ti. Bumps et al [82] have 
shown that the lattice parameters of a-Ti hardly 
change with oxygen addition and, hence, a more 
positive identification was not possible. 

A similar massive precipitation effect has 
been reported by Hansen et al [89] in Ti-Mo 
and Ti-Nb alloys. These authors found that 
heating fl-solid-solution samples in argon resul- 
ted in surface layer containing a phase stabilized 
by impurities, oxygen and/or nitrogen, while no 
contamination took place on heating in vacuum. 
Reference to the Ti-O phase diagram confirms 

Figure 17 Optical micrograph of a 2 h at 550~ specimen 
showing parallel massive precipitates crossing the surface. 
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that the extensive solubility of oxygen in a-Ti 
does cause an elevation in the a @ fl trans- 
formation temperature. In addition, the oxygen 
content of a-Ti can increase to about 33 at. %o 
before a phase change occurs. For present 
results, however, this phase change is not realized 
for the surface precipitates since a change in 
impurity gradient through the specimen occurs 
at about 750~ 

The whole precipitation process can be 
pictured to proceed as follows. In the vacuum- 
anneal case, although the vacuum is rather poor, 
most of the oxygen impurity can be considered 
to be already in solution before any heat- 
treatment occurs. A titanium sub-oxide, 
a-TiO0.5, is initially precipitated throughout 
the material. This phase then increases in 
oxygen content and lattice parameter with 
increasing temperature of anneal. Only after 
prolonged heat-treatment at 550~ is aTi-TiO 
precipitated. 

During the argon-anneal the same reaction 
occurs, complicated by the fact that the oxygen 
content of the alloy increases during the anneal 
owing to traces of oxygen in the argon. At low 
annealing temperatures, the oxygen diffusion 
time into the interior of the specimen is relatively 
long. An oxygen content gradient is developed 
through the Nb-Ti such that oxygen contamina- 
tion is greatest at the surface of the specimen. 
Oxygen stabilization of a-Ti causes precipitation 
of the latter at the surface. Stabilization of a-Ti 
by oxygen has also been noted in bulk Nb-57Ti 
[76] and Nb-74Ti [90]. Higher annealing 
temperature and longer time causes further 
impurity absorption from the argon and hence 
the a-Ti precipitates increase in number; 
lattice parameter also increases with time and 
temperature up to about 750~ While this 
process is occurring at the surface, the interior 
of the specimen is reacting in a similar but more 
complicated manner to that noted in the vacuum- 
annealed material. The addition of oxygen from 
the impure argon causes precipitates with a 
range of oxygen content, and induces the 
martensitic type of precipitation and associated 
twinning observed by Van Torne and Thomas 
[31] and others in Nb. More than one type of 
precipitate can occur at a given annealing 
temperature. At low annealing temperatures 
especially, the precipitates are probably non- 
equilibrium intermediate phases; hence the 
difficulty experienced in structure interpretation. 
A similar behaviour has been reported for some 
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Nb oxides [91]. In fact, the Nb-Ti phase 
diagram has not been published for temperatures 
below about 600~ since it appears that 
equilibrium would be almost impossible to 
achieve even after long-time annealings at these 
temperature levels [89]. 

At 750 ~ C, oxygen diffusivity is about a factor 
of 10 greater than at 400~ [92]. Under these 
conditions, only a small amount of surface 
precipitation occurs before the impurity con- 
centration gradient is removed and the whole 
specimen has become sufficiently impregnated 
with oxygen for bulk precipitation of the 
martensitic-like aTi-TiO phase. 

The complexity of the precipitation process 
can be emphasized by reference to the Ti-O 
phase diagram. [82, 93]. In a broad context, the 
/3Ti --~ (Ti, O) --~ series can be seen as an example 
of the familiar b c c/h cp/fc c transition, where the 
oxygen content acts as the controlling parameter. 
Similarly, the a-Ti/TiO equilibrium represents a 
transition from hexagonal to cubic close packing 
of metal atoms. In the latter case, successive 
oxygen occupation of octahedral holes in a-Ti 
should ideally result in an NiAs-type structure for 
TiO. This is found not to be the case, as occupa- 
tion ceases when the anti-CdIz-type structure of 
Ti20 is reached and it transforms to the cubic 
symmetry of  oxygen-deficient TiO [94]. The 
driving force behind the stacking change of the 
Ti atoms is the necessity for new oxygen sites. At 
high temperatures, this stacking change has been 
observed to occur via the intermediate stage of 
tetragonal TiaO2. A process similar to the latter 
is believed to have occurred in the Nb-Ti 
alloy studied here. Unfortunately, since both the 
/3Ti-TiO series and the a-Ti/TiO equlibrium are 
relevant, the oxide transition modes are com- 
plicated. The final formation of the tetragonal 
phase aTi-TiO is not straightforward either since, 
although the high temperature form of  TiO is 
indeed fcc, that at lower temperatures, such as 
750 ~ C, is tetragonal. 

6. Normal state resistivity 
The normal state resistivity, pN, of material 
vacuum annealed at 550~ falls slowly with 
annealing (Fig. 18). This drop is associated with 
the annealing out of dislocations and the removal 
of oxygen from solid solution consequent upon 
the nucleation and growth of ~-TiOx precipitates. 
Similar precipitation effects on p~ have been 
noted for Nb [95, 9@ The greater oxygen 
solubility of  aTi-TiO compared to the lower 

oxides results in a still gradual decrease in 
matrix resistivity with longer annealing times. 
This effect has been reported for Nb-75Ti 
[901. 

The effect of annealing in argon upon speci- 
men resistivity is shown in Fig. 19. Heat- 
treatment at 400~ for 1 h results in an increase 
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Figure 18 Specimen resistivity after annealing in vacuum 
of 1.33 x 10-2Nm -2 at 550~ as a function of time. 
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Figure 19 Specimen resistivity after annealing in argon at 
various temperatures, as a function of time. 

of 1 4 ~  in p~. This is due to the migration of 
more dislocations to the cell boundaries; the 
arrangement of dislocations in a sufficiently fine 
ceil-structure can give a higher resistivity than if 
uniformly distributed [97]. Annealing at 550~ 
causes pN, after an initial rise, to drop, slowly at 
first, and then rapidly after longer times. The 
initial rise is partly due to dislocation rearrange- 
ment, and partly due to an increase in oxygen 
content. At longer times there is a balance 
between the addition of  O3 from the argon, and 
its removal along with titanium, from the matrix 
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by precipitation of the titanium sub-oxides, p~r 
of Nb-Ti alloys decreases with decreasing Ti 
content [98 ]. After several hours, precipitation is 
able to remove O= faster than it can be replaced 
by diffusion, resulting in the rapid drop in pz+. 
At higher temperatures the position is reversed, 
for example at 750~ the large initial increase in 
p~ decreases rapidly after short annealing times 
as precipitation takes place, but thereafter 
remains fairly constant as O~ diffuses in at a rate 
equal to that which it is removed by precipita- 
tion. 

7. S u p e r c o n d u c t i n g  propert ies  
The results of critical current measurements are 
shown in Figs. 20 and 21. Low field values are 
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APPLIED TRANSVERSE FIELD (kOe) 

Figure 20 Critical current density at 4.2K versus applied 
magnetic field for vacuum annealed Nb-65 at. % Ti 
alloy. 

subject to error, as the normal phase may be 
nucleated at the current contracts, and lead to a 
pessimistic estimate of the critical current Je. At 
higher fields the normal phase will be nucleated 
at the part of the specimen subjected to the 
highest field, which in these hairpin specimens is 
several centimetres from the current contacts. 
The high-field values of Je may, therefore, be 
presumed to be reasonably accurate. 

Measurements of specimen magnetization, 
shown in Figs. 22 and 23, are not subject to .a 
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Figure 21 Critical current density at 4.2K versus applied 
magnetic field for argon annealed Nb-65 at. % Ti alloy. 
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Figure 22 Low-field magnetization curves for specimens 
annealed in vacuum. 

contact problem, but with the laboratory 
facilities available could only be made at low 
fields. They are used here merely to check the 
accuracy of the low-field Jo results. The degree 
of hysteresis estimated from these curves places 
the specimens in the same relative order of merit 
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Figure 23 Low-field magnetization curves for specimens 
annealed in argon. 

as that arrived at from the low-field Je results. 
The conclusion is that the latter are accurate 
and that current contacts did not cause prema- 
ture normality. 

Flux-pinning behavionr is most conveniently 
represented by plotting the total Lorentz force 
Je  x B, which, according to the critical state 
model [see ref. 1] is equal to the pinning force 
per unit volume, versus the reduced magnetic 
induction, b (=  B/Be2). The shape and position 
of the peak value(s) of this curve are charac- 
teristic of the particular mechanism of pinning; 
the peak height is a measure of the pinning 
strength. Here the results are plotted as Je x H 
versus H;  the difference between H and B for 
these specimens at fields > He~ is negligible. As 
Ho~ could not be accurately determined it is not 
possible to use reduced units of H. 

7.1. Upper critical field, Hc2 
Though the actual values of upper critical field 
could not be determined, it is obvious from 
Figs. 20 and 21 that they were increased by 
annealing. He2 would appear to increase with 
annealing time for specimens treated in vacuum, 
in contrast to the change in pN. According to 
Berlincourt and Hake [99], the maximum in 
Hez for the Nb-Ti system occurs at ~ 60 at. 
Ti. The slight reduction in Ti content of the 

matrix from 65 at. % as precipitation occurs may 
account for the increase in He2, though He2 
does not appear to vary much with composition 
over the range 60 to 65 at. % Ti. This explanation 
must also suffice for the argon-annealed 
specimens, as all show an increase in He2 with 
annealing times, which corresponds to an 
ultimate fall in ON, though the initial increase in 
p~ after very short anneals could account for the 
high estimated He2 values for, for example, 1 h 
at 400~ and 1 h at 750~ specimens. 

7.2. Flux-pinning in vacuum-annealed 
specimens 

Curves ofJe  x H ( _  ~ Lorentz force) versus H f o r  
the vacuum annealed samples are plotted in 
Fig. 24. It is quite obvious that at least three 
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Figure 24 Lorentz force (./re X H) versus applied field, 
H, for Nb-Ti annealed in vacuum. 

pinning mechanisms are operative. The un- 
treated material shows a peak at ,,, 78 kOe, not 
far below He2 (~90  kOe), with possibly a 
second peak at a very low field ( <  5 kOe). 
Pinning in this material is believed to be due 
solely to crystal dislocations, and these two 
peaks will be referred to as the dislocation (D) 
peaks. The specimen annealed for 10 h at 550~ 
shows a peak at 54 kOe (~0.5  He2 for this 
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material), and after annealing for 50 h this is 
replaced by a peak at 28 kOe (~0.3  He2). 
Precipitation is much in evidence in both of these 
specimens, and these peaks will be referred to 
respectively as the P and P' peaks. 

Annealing for 1 h at 300~ produces an 
increase in magnitude of the D peaks, with the 
high field peak shifted to the slightly lower 
field of 70 kOe. This is almost certainly due to 
the intrusion of a weak P peak. Half  an hour at 
550~ has increased the magnitude of both D 
peaks and the P peak; the latter now as high as 
the former. The trend continues for the 1-h 
anneal, and as with the previous specimen, it is 
difficult to distinguish the three separate peaks. 
Ten hours at 550~ results in an almost com- 
plete disappearance of the D peaks, leaving only 
the P; as mentioned above, lengthening the 
annealing time to 50 h replaces P by P'. 

These results can be correlated with the 
microstructural changes reported in Section 5.2. 
The growth of the dislocation peaks in the early 
stages of annealing result from the increasing 
definition of the cell-structure as dislocations 
migrate from cells to cell walls, no doubt 
assisted by the diffusion of interstitials to the 
cell walls. Their subsequent disappearance is a 
direct consequence of the disintegration of the 
cell structure which is a precursor to recrystal- 
lization. The P peak is associated with the 
precipitation of 6TiO0.5, and P' with its replace- 
ment by the ~-Ti-TiO precipitates after longer 
annealing times. The actual pinning models 
associated with these microstructures are dis- 
cussed later. 

7.3. Flux-pinning in argon-annealed 
specimens 

Je x H versus H curves for the argon-annealed 
samples are shown in Fig. 25. In view of the 
much more complicated microstructures 
observed after annealing in argon, it is not 
surprising that the flux-pinning behaviour is also 
more complicated in these specimens, but it is 
possible to describe the curves as a mixture of the 
D and P peaks. 

Annealing for 1 h at 400~ produces a peak 
at 65 kOe, which is ~0.7 He2 for this material. 
This would appear not to correspond to D, P or 
P', but could, in fact, be made up of D and P 
peaks of almost equal magnitude. The annealing 
temperature for developing optimum dislocation 
pinning in a Nb-60 at. % Ti alloy is 385~ [58]. 
It can, therefore, be assumed that the 400~ 
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Figure 25 Lorentz force (Jc x H)versus applied field, H, 
for Nb-Ti annealed in argon. 

anneal produces near optimum dislocation 
pinning in this alloy, to which must be added the 
effect of the observed fine precipitation. Two 
hours at this temperature causes a considerable 
reduction in the height of this peak (or peaks) 
together with the largest observed increase in 
He2 to ,-,110 kOe. The 5 h at 450~ specimen 
shows what appears to be a reinforcement of the 
D peak. None of the low-temperature anneals 
succeeded in removing more than a portion of the 
original dislocation structure. 

One hour at 550~ produces a large P peak, 
with little or no D content. Three types of 
precipitate morphology have been identified in 
this material; the pinning appears to be con- 
sistent with fine precipitates of the type shown in 
Fig. 11. Increasing the annealing time results in a 
lowering of this peak, and the appearance of a 
D peak. The latter could be associated with 
dislocations believed to be generated as a result 
of coherency strains. 

Similar behaviour is observed after annealing 
at 750~ The peak produced by the 1 h treat- 
ment is smaller than the 550~ peak, as might 
be expected from the larger size of the pre- 
cipitates. Longer annealing times causes a 
reduction in the height of this peak, and a D peak 
now becomes evident. This may be due, not to 
dislocation pinning, but to a similar type of 
pinning by the twin boundaries within the large 
~Ti-TiO precipitates. 

No P' peak was apparent in any of the argon- 



S U P E R C O N D U C T I V I T Y  OF H E A T - T R E A T E D  Nb-65 AT. ~ Ti A L L O Y  

annealed specimens. This peak, as will be dis- 
cussed later, is believed to be associated with 
widely spaced, fairly coarse, precipitates; such 
precipitates were not seen in any of these 
specimens. 

7.4. Pinning mechan i sms  
There is overwhelming evidence to show that 
strong flux-pinning is d~ae to a microstructure 
which results in variation in superconducting 
properties with position [1]. The nature of the 
interaction between flux lines and the micro- 
structure depends upon the scale of the latter 
with respect to the characteristic lengths of the 
superconductor [59 ]. When the size of the micro- 
structural features (dislocation tangles, precipi- 
tates, etc.) and the distance between them is /> A, 
the super-conducting penetration depth, then flux 
can everywhere approach its equilibrium density 
[1, 97]. The interaction with flux lines is magnetic 
in origin, and the pinning force per unit volume 
[99] is 

sv a M(B) ((~oB) �9 
Fp(B) = t.07A (1) 

where Sv is the surface area per unit volume of 
the pinning microstructure, lx M(B) is the 
difference in equilibrium magnetization between 
matrix and pinning centre, and ~0 is the flux 
quantum (hc/2e = 2 x 10-VG cm-2). 

When the pinning centres are non-super- 
conducting precipitates AM(B) is equal to the 
reversible magnetization of t he  matrix; for 
H > Hcl and K ~ 1, 

He2 - H 
aM(B) _ 2.32K z 

and the Lorentz force is [1, 100]: 

Jc x B --- F0 SvHe22h§ -- h) 
2.48 K ~ (2) 

This function has a peak at h(= H/He2) = 0.33. 
For pinning by a dislocation cell-structure 

[1, 97]: 

A M =  (He2-2H) AK 
2.32 I< ~ 

and the Lorentz force equation is : 

Fo Sv Hc~2h~(1 - 2h) A~r 
Jc • B = 2.48 K 4 (3) 

where ZxK is the difference in K value between 
cell and cell-wall brought about by the increased 
resistivity of the latter. This function has peaks 

at h = 0.17 and at the upper critical field of the 
cells, which is less than the measured Hez which 
will be that of the cell walls [97]. However, 
owing to non-uniformity of the microstructure, 
these peaks are broadened and appear at values 
of field below those given above [97]. 

If  the variation in microstructure is on a scale 
finer than )t, then the flux density cannot vary 
with sufficient rapidity to conform to the value 
in local equilibrium with the microstructure. 
Pinning arises because of the variation in free 
energy of the flux line core across the micro- 
structure. It has been suggested that, under these 
circumstances, pinning is associated with an 
elastic relaxation of the flux line lattice; the 
Lorentz force is given by an equation involving 
the elastic constants of the flux line lattice [101 ]. 
This sophisticated approach may not be neces- 
sary; at high current densities the flux lattice 
may be replaced by an "amorphous" state [102]. 
Hampshire and Taylor [59] find for very heavily 
cold-worked Nb-60 at. ~ Ti, with a dislocation 
cell-structure much finer than A, that lattice 
elasticity can be ignored. Their relation for 
flux core pinning is: 

F0 Sv He~ ~ h(l - h) AK 
Je x B = 2.67 ~a (4) 

This equation has a peak at h = 0.5. Although 
derived specifically for dislocation pinning, this 
expression is valid for pinning by any feature 
whose difference from the matrix can be des- 
cribed by a change in K. 

There are many other possible pinning 
mechanisms, and proposed expressions for the 
Lorentz force. The above have been chosen 
here because it is believed that Equations 2, 3 and 
4 describe the experimentally observed behaviour 
identified in Sections 7.2 and 7.3 as the P', D 
and P peaks respectively. It is now necessary to 
explain why it is thought that these are the 
appropriate mechanisms for heat-treated Nb-65 
at. ~ Ti specimens. 

7.5. Pinning and microstructure  
The penetration depth for this alloy is ~ 200 
nm [59], and the cell diameter of the material 
prior to annealing is ~ 300 nm. Dislocation 
pinning will, therefore, be via the magnetic 
interaction, and the Lorentz force will be des- 
cribed by Equation 3. The peak occurring just 
below He2, together with the sometimes 
observed peak at very low fields, in the un- 
annealed or lightly-annealed specimens, can 
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readily be associated with this form of disloca- 
tion pinning. This peak appears to be present in 
specimens vacuum-annealed for 1 h at 300 ~ C, �89 
and 1 h at 550 ~ C, and in material argon-annealed 
1 and 2 h at 400~ and 5 h at 450~ In none 
of these specimens has the annealing treatment 
completely destroyed the original cold-worked 
dislocation cell-structure; in fact, short time low 
temperature anneals have enhanced the pinning 
characteristics of the structure. This is due to an 
increase in A K brought about by a combination 
of dislocation migration from cell interiors to 
the cell walls as a precursor to polygonization, 
impurity diffusion to the cell-walls, and pre- 
cipitation nucleated at the cell-walls. A dis- 
location peak also occurs in specimens annealed 
in argon for 5 h at 550 ~ C and for 2 h at 750 ~ C. In 
the former case, networks of dislocations are 
associated with precipitates, possibly generated 
as a result of coherency strain. The scale of 
these networks and the separation of groups of 
precipitates, at 200 to 4130 nm, is sufficient to 
allow of magnetic pinning. No dislocations were 
observed in the 2 h at 750~ material. Precipitate 
size and separation, separation of faults at 
precipitate intersection, Fig. 16, and separation 
of twins within the precipitates, Fig. 15, are all 
> 200 nm, thus allowing the magnetic inter- 
action to operate. Twin boundaries and stacking 
faults are expected to pin flux in a manner 
similar to that of dislocations [51 ]. 

The only heat-treatment which has apparently 
produced large, uniformly distributed pre- 
cipitates of a definite second phase is that of a 
50-h anneal at 550~ in vacuum. Significantly 
this is the only specimen which shows the P' 
peak, whose position corresponds to the Lorentz 
force curve predicted by Equation 2. Pinning in 
this specimen should, therefore, be due to 
non-superconducting precipitates with a separa- 
tion /> A. The former condition is met by the 
high oxygen content of the precipitates ( -  
40 at. %) and the latter as their spacing (200 to 
1000 nm) is ) ~ (2130 nm). 

All other heat-treated specimens show, to a 
greater or lesser extent, some evidence of the P 
peak at h _~ 0.5. This is the behaviour described 
by Equation 4, and requires that pinning results 
from a change in ~c of regions whose size and 
separation is <A. It is likely that the features 
observed in the electron microscope are not 
true precipitates, but are regions enriched in 
titanium and oxygen. This change in com- 
position could reduce tc without entirely des- 
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troying superconductivity in the "precipitates" 
and thus A • pinning becomes appropriate. The 
spacing of these 3-TiO~ precipitates is extremely 
non-uniform; precipitates _ 100 nm in width 
are distributed in clusters, the precipitate 
separation within the clusters is ~ 100 nm, the 
separation between the clusters 500 to 10C0 nm. 
This results from the nucleation of the pre- 
cipitates on the original dislocation cell- 
structure, clusters of dislocations being formed 
in the most heavily dislocated regions. The 
flux-line core-energy interaction will give rise to 
interprecipitate pinning, and hence the P peak; 
weak inter-cluster pinning can occur via the 
magnetic interaction, making some contribution 
to the D peak. 

Because of the non-uniformity of the observed 
microstructures, and because of a lack of 
knowledge of the superconducting properties of 
the precipitates, it is not possible to make 
quantitative comparisons between the observed 
values of the Lorentz force and the theoretical 
expressions given in Section 7.4. The above is 
self-consistent, and is regarded as the probable 
explanation of the experimental results. 

8. Conclusions 
The super-current density in niobium alloys 
containing interstitial impurities is increased by 
heat-treatment. In niobium-titanium alloys con- 
taining oxygen, existing theories of flux pinning 
can be invoked to correlate Je with the pre- 
cipitation of titanium oxides and sub-oxides. 
Considerations of stability reqt~ire that super- 
conductors should be produced as fine filaments 
in a normal metal matrix. The degree of 
deformation necessary to produce filaments 
cannot be achieved when interstitials are 
present in sufficient quantity to produce 
significant precipitation. Fortunately the very 
fine dislocation cell size resulting from high 
reductions gives flux-pinning and critical current 
densities comparable to those due to pre- 
cipitation, and the latter is not recommended 
as a production route for commercial materials. 
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